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SUMMARY

A high-resolution experimental method was developed to investigate the deformation and
fracture properties of tetrahedral amorphous diamond-like carbon (ta-C) and polycrystalline
silicon (polysilicon) for microelectromechanical systems (MEMS). The method employed an
Atomic Force Microscope (AFM) to record strains in micron scale tensile specimens with the aid
of Digital Image Correlation (DIC). Polysilicon and ta-C test structures were fabricated at the
Sandia National Laboratories (SNL) and at MCNC-Cronos and their Young's modulus,
Poisson's ratio, tensile strength, and fracture toughness were obtained by the AFM/DIC method,
many of them for the first time. When compared to traditionally employed pol~vsilicon, ta-C was
found to have superior mechanical properties: its fracture toughness was 3.5 times that of
polysilicon and its strength was at least twice that of polysilicon. These outstanding fracture
properties provide increased resistance to failure. The elastic modulus of ta-C was found to be
4.5 times that of polysilicon and its Poisson's ratio was 30% smaller than polysilicon. These
elastic properties will provide enhanced dimensional stability in addition to the superb wear
resistance of ta-C.

The mode I and mixed mode I/I fracture toughnesses of polysilicon were subject to 50%
scatter due to its polycrystalline structure. On the contrary, the mixed mode 111 fracture of
amorphous ta-C was described very well by existing deterministic theories for fracture of brittle
materials. The stochastic failure of polysilicon was treated in a comprehensive finite element
model that combined NASA's code CARES Life (Ceramics Analysis and Reliability Evaluation
of Structures) and identification of the flaw population that is responsible for failure. This model
allowed for the prediction of failure of MEMS devices with arbitrary geometries. This study
pointed out to a potential pitfall in blindly using the Weibull cumulative probability density
function to present strength data from microscale specimens: The active flaw population changes
with the component size and its local geometry which implies that the flaw *population is not
always the same between self-similar device geometries. Finally, the multigrain nature of
polysilicon was found experimentally to present a potential risk in the accurate determination of
its effective mechanical behavior, especially when it is used to fabricate devices with dimensions
on the order of a few microns, which is a small multiple of the grain size. Specifically, it was
shown that MEMS devices with dimensions larger than 15x 15 grains can be described by using

~~~~m - vlit& at~npeevl hisert

The enhanced properties of ta-C presented in this final performanc*e report make it
suitable for critical military and civilian applications, such as acoustic emission microsensors for
health monitoring of aircraft and nuclear weapon systems, vibration monitoring devices and
acoustic signature detectors, micro accelerometers and gyroscopes for inertial guidance, surface
acoustic wave devices for gigahertz frequency telecommunications, pressure transducers, and
microwave signal generators.
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DETAILED TECHNICAL DESCRIPTION OF RESEARCH

I. Young's modulus, Poisson's ratio, and tensile strength of MEMS materials (YEARS 1-2)

In the first two years of this project a novel method to measure full-field in-plane strain in
thin films with true nanometer resolution was developed. The method employed Atomic Force
Microscopy (AFM) images of the surface of thin films and combined those With Digital Image
Correlation (DIC) to extract strains. Figure 1 shows a flow chart of the measurement method [1].

u displacement

Deformation (nm)

of the surface Stress =3.2 G Pa p57.1
50.7

-K :. 44.4

F 381

25.4

S12-7
0 2000 4000 6000 8000 10000 12000 63

(nm ) o.o

Figure 1. Displacement field measured directly at the specimen gage section and detail of local
deformation in 0.5xl gm

2 material domain that shows strain localization in individual grains. In the top
right image the displacement contour is superposed on the topographic image of the specimen [1,2,3].
Contour images are best viewed in color.

MEMS_ Materials in vestigated under this AFOSR program _ .. ..__

The materials used in this AFOSR sponsored program were polycrystalline silicon
(polysilicon) and tetrahedral amorphous diamond-like carbon (ta-C). Polysilicon samples were
manufactured at two established MEMS fabrication facilities using the Multi-user MEMS
Processes (MUMPs) [4] and the Sandia Ultra planar four layer Multilevel MEMS Technology
(SUMMiT IV) process [5] to ensure good film quality, small defect density, and dimensional
accuracy. Before this research program very limited information was available about the elastic
modulus and none about Poisson's ratio for SUMMiT polysilicon or ta-C. Furthermore, there
was no comparative study of the mechanical properties of polysilicon from the two processes
using the same experimental method, while the applicability of these effective properties to
components whose size is only a few microns was unknown.

The second material for MEMS that was investigated during this research program was
ta-C. The latter were deposited at room temperature using pulsed-laser deposition (PLD) with a
KrF eximer laser source (248 nm) and a rotating solid pyrolytic graphite target at 10-7 Torr
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vacuum. The growth conditions were set to those that typically produce high 4-fold content
(-80%) ta-C thin films. The high compressive residual stresses developed during deposition
were completely relieved by subsequent thermal annealing for several minutes in a rapid thermal
annealing oven purged by an inert gas (Ar) at 600-650 'C [6]. The final ta-C MEMS structures
were fabricated via conventional semiconductor processing techniques [7]. Briefly, the surface of
the ta-C films was patterned with an aluminum hard mask using lift-off. The resulting patterned
structures were dry etched in a commercial etch tool by an oxygen plasma and undercut using a
timed HF acid etch of the underlying sacrificial SiO2 layer.

Experimental Details

The test apparatus employed in this program was designed and implemented based on
prior work by the PI that was also supported by AFOSR and reported in [1]. The specimens were
gripped using a UV-curable adhesive applied on a flat glass grip to load MEMS specimens. The
thin glass grip was attached to piezoelectric actuator with I nm precision in motion while the
other end of the specimen was attached to a commercial load cell with 0.5 N capacity and better
than 0.5 mN resolution. The test apparatus was integrated with a commercial AFM that was
outfitted with a hardware correction system for linearization of the piezoelectric actuator motion.
The entire test system was installed in a thermally and acoustically isolated chamber. To avoid
potential vibrations induced by the AFM cantilever probe to the freestanding specimens,
intermittent soft (low force) tapping mode was employed to minimize the force exerted on the
specimen during scanning.

Using the AFM/DIC method outlined in Figure 1, full-field displacements were acquired
in 5x15 gm2, or smaller, regions in microtension specimens and were used to compute the
material strain [2,8,9,10]. The application of DIC was conducted using the material surface
roughness as distributed markers. The DIC correlation square used to calctilate the effective
properties in the 5x15-[tm 2 AFM images was 20x20 pixels (300x300 nm). The optimum size of
the correlation square was determined iteratively. Small sizes that did not contain sufficient
surface details resulted in erroneous local displacements while very large correlation squares
resulted in smooth displacement contours eliminating local information.

Procedures for the calculation of the isotropic elastic constants E and v

A set of five AFM images was obtained at each of five or more load levels applied to
every specimen and were processed using DIC. Figure 2 shows a sequence of axial and
transverse displacement contours and the applied stresses. The contour legends were adjusted to
the displacement range in the highest load. The u and v displacements were obtained from AFM
images with fast scanning directions along the x- and the y-axis, respectively. The axial and
transverse displacements were quite uniform in 5x15-pm 2 fields sampled at different locations
on the specimen, which is expected in a uniaxial tension test. Thus, polysilicon.specimens of this
size behaved homogeneously and in a linearly elastic manner. As will be explained later, a
15xl5-_gm2 specimen area is a Representative Volume Element (RVE) for polysilicon.
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Figure 2. Axial and transverse displacement fields in a 5x1 5-jm 2 area of a polysilicon specimen from
SUMMiT. These sets of images were used to measure the Young's modulus and Poisson's ratio of
polysilicon. Contour images are best viewed in color.
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The average axial and transverse strains at each applied stress were obtained as the
average slope of all horizontal u-contour lines in Figure 2. The average axial strain in each
contour was obtained from the line fits. Subsequently, the strains from 25 contour images per
load level were averaged'. Two line fits from the axial and transverse displacement contours at
2.5 GPa applied stress are shown in Figures 3(a,b). In a linearly elastic material the local
displacement as a function of position yields a straight line whose slope du/dx is the line strain.
The calculation of the average strain by this approach was more consistent compared to the local
du/dx computed by DIC, or by point-by-point differentiation of the displacement field.
Averaging of the latter full-field strains could remove random noise and provide uniform strains
but the displacement data required smoothing that would make this analysis subjective. The
average strain at each load was used to construct the stress-strain curves as shown in Figure 4.
The nominal stress was calculated from the readings of the load cell. Although the number of
points was small due to the time required for AFM imaging, all points fit a straight line very well
whose slope is the Young's modulus.

150 35

Slope (Strain) = 0.0154 30 Slope (Strain) = 0.0034

R
2 

= 0.9997 R
2 

=0.9976

25
'g100E

S 
Is 20

4) 75

E E
.50

10

0 lO

255 255

0 0
0 2 4 6 8 ID 0 2 4 6C 10

Axial Position (pm) Transverse Position (p[m)

(a) (b)

Figure 3. Local displacement as a function of position in the (a) axial and (b) transverse direction. The
data lines were derived from the contours in Figure 2 at 2.5 GPa applied stress. The zero displacement

--Was arbitrarily s§et -at the -on-riniof the coordinate- system.-

The average elastic modulus for MUMPs 41 run was 164±7 GPa which agreed well with
the value of 165.7 GPa reported before [1] using cross-head measurements that accounted for the
apparatus compliance. The elastic modulus for the SUMMiT polysilicon was 155±6 GPa, which
was in good agreement with the effective modulus of 164±3 GPa reported in [11]. On the other
hand, the Poisson's ratio was not been reported before for either process or obtained at this scale.
Using the full-field axial and transverse deformation data, the Poisson's ratio was found to be
virtually the same for both processes averaging 0.219±0.018 and 0.224±0.017 for MUMPs and
SUMMiT-IV, respectively. These values agreed with measurements conducted on MUMPs

1 When optical microscopy is used it is customary to average images before conducting DIC so that fluctuations in the pixel gray level

intensity are minimized. This is not possible with AFM images because of the small rigid body displacements that occur between consecutive
images.
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polysilicon at the same scale using inverse solutions to deduce the elastic properties as described
in the next section [12,13]. This calculation of Poisson's ratio was independent of the
measurement of the applied load. Moreover, these strain measurements were insensitive to the
calibration of the AFM. Raw AFM data given in pixels were used and the entire calculation was
conducted in terms of pixels. For convenience, all data in this final progress report are presented
in physical dimensions, i.e. nanometers or microns.

3.0 1 Table I summarizes the

E =156 GPa experimental results. The difference in
2.5 R = 0.9966 the elastic properties between the two

processes was -5% or less, while the
2.0 mechanical strength differed by as much

0. as 60% with the SUMMiT-IV results
1.5 taken as the reference. The large

U)' deviation in strength was attributed toa)
S1.0 the high surface roughness of MUMPs

polysilicon that generated distributed
0.5 surface notches. The results, presented

in Table I, are very consistent i.e. there
0 is very small standard deviation.0 0.005 0.010 0.015 0.020 Measurements of the elastic material

Strain properties for polycrystalline silicon

Figure 4. Stress-strain curve calculated from the originating from different sources
displacement contours in Figure 2. Each point is the (Sandia and MCNC-Cronos) have
average of the strain measured from 25 contour plots. The shown that the elastic properties of
error bars for strain were too small to be shown. polysilicon MEMS with similar

microstructure differ very little. As will
be discussed in a later section of this report, the material strength did differ significantly between
the two processes and ta-C because of the existence of very different types of flaw populations
that were the result of the various fabrication processes. The procedures for the measurement on
the elastic and failure properties of ta-C were the same as those for polysilicon and were
summarized by the PI and his group in reference [10].

Table I. Elastic and failure properties of polysilicon and ta-C MEMS [2,8,9,10].

Young's Poisson's Tensile Strength Weibull Parameters
Modulus Ratio (GPa) m=Weibull modulus

(GPa) ao = stress parameter

Polycrystalline 156±6 0.225+0.01 3.15±0.45 m = 6-18, Yo = 3.0-3.5 GPa
Silicon (SNL)

Polycrystalline 165±6 0.22±0.01 1.75+0.2 N/A
Silicon (MUMPs)

ta-C 756±22 0.16±0.03 7.1+0.5, (11.4+0.8) m = 6, ao " 7.6 GPa

12



Application ofA FM/IDIC method in inverse problems

The AFMIDIC method was employed to record deformation fields in very small material
domains that were subject to non-uniform stress fields. As seen in Figure 5, displacement fields
were obtained in the vicinity of 6 gtm circular perforations located at the gage section of a
polycrystalline silicon tension specimen [12,13]. The maximum line displacement in Figure 5 is
only 2.4 data pixels (36 nm) at the lower end of the contour and 1.6 data pixels (24 nm) at the
upper end of the image. This displacement field was used to calculate the elastic properties of
polysilicon by solving the inverse problem of a hole in a plate and fitting the AFM/DIC data to
an analytical model using a least square minimization scheme offk such that

fk (E, v) = [(urI )k cos o - W~ )k si Ok1hort] a - [(u . )k ]mesrd 0 (1)

in which,

(Ur)k - - rk + a + + rk - r2 cos 2k(2)

2 2r 4a2 2~v a+ 20

and,

S(i +v) (1-v V 2 2 a 4
GuO)k [- 2a + rk + _Tjsin 2 0k (3)

2 Erk [i+V r

Using equations (1-3) and the data in Figure 5 the elastic modulus of polysilicon was
calculated as 160 GPa, which was in excellent agreement with the value listed in Table I
measured from uniform tension samples [13]. This presents an alternative approach to calculate
the elastic constants of linearly elastic MEMS materials by using a single displacement field.
Since the elastic properties were accurately recovered from the recorded deformation field, the
associated notch sensitivity factor is equal to one.

0X. ,.,I ;x pel U displacement
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II. Limitations imposed by device size in the use of effective elastic properties (YEARS 2-3)

Due to grain anisotropy and polycrystalline inhomogeneity, the properties in Table I,
although valid for specimen sizes 5x15 jim 2 or larger, may not describe appropriately the
effective mechanical behavior of smaller size specimens. Polysilicon is modestly anisotropic,
130.2 < E < 187.9 GPa in [100] and [111] directions, respectively [14], while according to [15]
when the specimen contains less than 200 grains crystalline anisotropy becomes important
resulting in statistical variation of the measured properties.

The AFM/DIC method was applied to determine the smallest specimen size (RVE)
whose effective mechanical behavior could be described by the isotropic properties of SUMMiT-
IV polysilicon in Table I. Because it was shown that a 15xl5-gm2 specimen is described well by
these properties, smaller domain sizes were employed. Furthermore, the deviation from
homogeneity2 is of stochastic nature and it depends on the location on the sample. In this section
of the report one typical specimen area and one area that resulted in the large deviation from the
homogeneous case are presented. The material structure is assumed to be columnar which in
general is a fair assumption. The first example (Figures 6 and 7) involved six mutually inclusive
domains with dimensions of lx2 im2, 1.5x3 jm2 , 2x4 gm2, 3x6 im 2, 4x8 Im2 , and 5x10 gm2.
In the second example (Figure 8) three mutually inclusive domains with dimensions of lx2 jim 2 ,
2x4 gm2 , and 5x10 gm2 were imaged by an AFM. Further details are provided in reference [3].

Figure 6 (left) shows the reference AFM images with 1024 pixel line resolution. The
superimposed u-displacement contours on the AFM images are also shown to identify
correlations between local deformation and grain structure. On the right, the local u-displacement
as a function of axial specimen location is plotted for 16-20 lines of the displacement contours.
The straight line in each plot is the average of the best-fit lines to all experimental displacements
and its slope is used as a measure of the average strain in the specimen. The combined
displacement contour/AFM topographic image of the largest area shows linearly varying axial
displacements according to linear elasticity. The smaller fields of view are associated with
increasing non-uniformity in displacement distribution compared to the 5xl 0-jm2 AFM image.
The smaller specimen domains, 1.5x3 gm2 and lx2 gjm2, demonstrated the highest scatter in the
axial displacement distribution. In images 6(e,f) the local deformations follow the material
microstructure. A more accurate picture is provided by the line displacement plots that are very
linear in larIge specimen areas.. The deviation from linearity was pronounced in the smaller
images being maximum in the lx2-jim 2 domain. The correlation coefficient, R2, for the line plots
in Figure 6(c) varied from 0.96-0.993 for the smallest and the largest image size, respectively.
These values and the average slope of all lines provided a measure for the deviation of the
effective deformation of these specimen areas from the RVE. In this analysis the average slope
of all displacement lines in each contour was used as a measure of the average strain in the
sample as well as the local deformation inhomogeneity. Given this average strain value and the
applied far-field stress, the effective elastic modulus for each field of view was computed. This
quantity was finally used to determine the deviation of each specimen domain from the RVE
whose effective mechanical behavior is characterized by the effective material modulus.

2 The grain structure of polysilicon is the source of inhomogeneity and as a consequence the reason for deviation from isotropy.
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The moduli computed from Figures 6(a-f) and the associated standard deviations are
plotted in Figure 7. The shaded area designates the isotropic modulus and its standard deviation
in Table I. The calculated effective modulus varied with the domain size demonstrating a
systematic trend to the isotropic behavior for larger specimens areas. The maximum standard
deviation was computed for the smallest domain size while it became minimum for the largest
domain size. The modulus trend towards the isotropic behavior was not monotonic. There were
small domains (1.5x3 gm2) whose effective mechanical response was closer to that of an RVE
and relatively larger domains (2x4 gm2) with larger deviation from the effective behavior. The
minimum specimen area that provided an effective elastic modulus within the bounds of the
measurements from the 5x1 5 gm2 material domains was equal to 5x 10 jim 2. The effective elastic
modulus measured from contour 6(a) was 160±2 GPa, it agreed with the average in Table I
(155±6 GPa). Thus, a 5xl0-gm 2 specimen area is an RVE for polysilicon. This RVE size was
confirmed by additional measurements on SUMMiT-IV polysilicon.
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Figure 7. Effective modulus as a function of domain size. The error bars are the
standard deviation from the line plots in Figure 6. The shaded area corresponds
to the isotropic modulus with one standard deviation.

The plots in Figure 6 provided a rather conservative picture of the effect of material
inhomogeneity. An example of local displacements that deviate significantly from a uniform
distribution is provided in Figure 8. Three images sizes with dimensions 1x2-gmm2, 2x4-gm2 , and
5xl0-igm2 were obtained. Contrary to Figures 6(d,f), the displacement non-uniformity in 2x4
[im 2 and lx2-[tm2 domains was pronounced as local grain inhomogeneity considerably affected
the displacement distribution. A quantitative description of the variation of local displacements
in the three AFM image sizes is given in the line plots 8(a-c) that show 24, 18, and 17
displacement lines from each contour in Figures 8(a-c) respectively.
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Based on this analysis it is concluded that the effective mechanical behavior of
polysilicon samples equal or larger than 10xl0 jim 2 is described by the effective properties.
Given the 650 nm average grain size of SUMMiT polysilicon, a material domain that includes
15x15=225, or more, columnar grains behaves isotropically with a statistical scatter of less than
5%. This experimental assessment of the RVE is in agreement with computational results in [15]
for <100> textured polysilicon. It also provides a measure of the number of grains in the RVE
rather than an absolute length scale which could be used to obtain estimates for the physical size
of an RVE of polysilicon with different grain size but the same grain structure and orientation
distributions as the samples used here. Along the same lines are the results of the analysis in [16]
which concluded that for many cubic materials the RVE is at most 20 times the grain size. It is
characteristic that analogous results were obtained before for macroscopic polycrystals, such as
columnar ice, with grain structure similar to polysilicon. Specifically, [17] showed that 300
grains are sufficient to bring the elastic modulus of S2 ice within the Voigt-Reuss bounds that are
meaningful for a statistically homogeneous solid and thus 300 grains would constitute an RVE.

The description of material deformations under non-uniform stresses using isotropic
properties deserves special attention, as larger domain sizes may be required to capture the
smooth strain gradients in MEMS designs with acute notches or sharp comers. As was shown in
a previous section, the displacement field in a 15x15- _m2 area next to a circular hole with a
modest stress concentration factor of K=3 and a diameter of 6 gm follows that described by the
isotropic elastic constants [13]. The specimens were fabricated by the MUMPs 41 process and
the grain size was half of that for SUMMiT polysilicon. Using the displacement field and the
solution to the inverse hole problem the Young's modulus and the Poison's ratio of MUMPs
polysilicon were determined to be in very good agreement with those from uniform tension tests
that are reported in Table I. Furthermore, a study of the fracture of MUMPs polysilicon
involving mode I loading of mathematically sharp cracks [18] showed that 15xl5-gam2

experimental crack tip displacement fields compared well with the analytical solution (see later
Figure 13) assuming isotropy and the elastic properties in Table I. Thus, even in the presence of
high strain gradients, the linear elastic constants can describe 15x15-jim 2 , or larger, specimens
sufficiently well. These results should be compared with the RVE for MUMPs polysilicon that
could be inferred from the measurements presented here. Using the estimaied RVE size for
SUMMiT polysilicon, the RVE for MUMPs polysilicon containing 15x15=225 grains is

fracture and stress concentration measurements were larger than the RVE.

The columnar grain structure in not perfectly regular because of grains that are oriented at
non-zero angles with respect to the film normal. Thus, the actual material deformation is rather
three-dimensional and the RVE may be larger than estimated here. In any event, polysilicon
domains that contain less than 15x15 grains should rather be described in terms of property
bounds, or by employing a thorough description of the local anisotropic elastic behavior and not
the isotropic elastic properties.
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III. Mechanical failure of polysilicon MEMS devices (YEAR 2)

The mechanical failure of polysilicon MEMS was further analyzed using experimental
results acquired in a prior work supported by AFOSR [19]. The objective of this part of the
research program that resulted in an M.S. thesis [20] was to identify a single pair of Weibull
parameters that could describe the failure of a wide number of polysilicon specimen geometries.
The study was conducted with the aid of the NASA's code CARES Life (Ceramics Analysis and
Reliability Evaluation of Structures Life) and finite element models of perforated MEMS
specimens. Using these tools and experimental data from previous studies and newly tested
specimens the Weibull stress parameter, a quantity that is independent of specimen geometry,
was calculated [21]. Figure 9(a) shows that both the stress concentration factor and the radius of
curvature influence the failure strength of a MEMS component. While smaller radii of curvature
support higher local stresses, the higher the stress concentration factor the higher the probability
of failure for the same local stress and local radius of curvature (i.e. local geometry). These data
can be used in device design in place of the most conservative (still size dependent) strength
derived from uniaxial tension tests.
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Figure 9. (a) Characteristic strength depends on the flaw population. Different geometries activate
different flaw populations. Small radii of curvature or small perforations promote failure due to side-wall
roughness while large radii of curvature or large holes promote failure that scales with the specimen top
surface. (b-d) Calculated probabilities of failure based on the optimum value m=5 of the parametric study
for the interior hole surface analysis [21] for (b) K=3, R=1I gm, (c) K=6, R=I jim, and (d) K=3, R=8 gm.
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Then, the accuracy in using a unique set of Weibull parameters in the integral form of the
Weibull cumulative distribution function to describe a broad class of specimen geometries was
investigated in order to isolate the geometric factor of strength (non-material parameter) from the
material factor (material stress parameter) thus eliminating the restriction that Weibull
parameters derived with a specific specimen geometry can only be used for similar geometries.

The aforementioned approach was tested using twelve non-uniform MEMS-scale
specimens containing a central perforation. The twelve specimen geometries were created using
combinations of stress concentration factors and radii of curvature [19]. The integral form of the
Weibull cumulative distribution function in conjunction with a finite element model in ANSYS
accounted for the non-uniform stress distribution in each specimen. The material scale parameter
and the Weibull modulus were determined for flaw populations scaling with (i) the top specimen
surface area and (ii) the sidewall surface area. It was found that for 1-3 ptm radius circular
perforations (K=3) the active flaw population scaled with the size of the specimen top surface
and failure was attributed to the surface roughness, as was the case for uniform tension
specimens. For higher stress concentration factors (K=6 and 8), the local material strength scaled
with the interior sidewall surface of the perforation. Our analysis resulted in twice the accuracy
ofpredicted strength distributions compared to prior works [21 ].

Predictions and experiments of three different geometries are presented in Figures 9(b-d).
A single set of Weibull parameters provided accurate descriptions only in the case of consistent
flaw population [21]. In reference to Figure 9(a) the analysis conducted in this project points to
the realization that the characteristic strengths with high values were those measured from
failures originating in the specimen sidewall surfaces compared to the smaller characteristic
strength values that originated in failures due to the top surface roughness induced flaws. As a
result, extrapolations using Weibull parameters computed using arbitrarily small or large
specimens must be done with caution to ensure consistent active flaw population for all
specimens even when self-similar specimens are used.

100 * Finally, the failure of Tungsten (W)

80 .coated polysilicon MEMS was* investigated. W-
1! .. coatings are used as solid lubricants to reduceS~Effect of

0- of /Fabdcaton wear in polysilicon MEMS by a factor of 10,000.
60 ____j................ For _these_ sampte~s~it w~as £und that.a bimoQdal_

_0 -- ---- -these

0 - strength distribution describes the strength dataS,,40 shown in Figure 10 [22]. The 20 nm thick W-

20 /!• Effect of F; 507 coatings decreased the material strength by
, coatng almost a factor of two. This adverse effect was

0 attributed to W precipitates in Si grains that1.70 2.20 2.70 3.20
Failure .0re. s (GPa) generate an additional flaw population that is incompetition with the existing sidewall flaws that

Figure 10. Bimodal strength distribution of W- are responsible for failure in Sandia MEMS,
coated polysilicon MEMS. In the upper part of hence the bimodal failure distribution in Figure
the curve failure was initiated because of hec the bodal faiue ditributo in Figrmicrofabrication-induced flaws while for the 10, while for part of the data failure scaled with
lrowebrpartiofthed curve whilefor the Wcanwsthe specimen length as reported before [19] forlower part of the curve the W-coating was
responsible for failure [22]. probabilities of failure <40% the specimens

broke due to W-precipitates.
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IV. Fracture Toughness of Brittle MEMS Materials (YEARS 2 & 3)

The strength data in Table I as explained in the previous section provided a probabilistic
view of MEMS failure. A comprehensive investigation of device failure was conducted via
experiments with samples containing single large flaws (cracks) that were solely responsible for
fracture. Fracture toughness tests with MEMS-scale specimens containing mathematically sharp
cracks (Figures 1 l(a,b)) were conducted to measure the critical stress intensity factors of ta-C
and polysilicon [18,23,24,25]. Atomically sharp cracks were introduced with the aid of a micro-
hardness tester according to [26] as seen in Figures 1 (a-d). Indentations were created with a
Vickers indenter at a distance of 20-30 gm from specimens deposited and patterned on a 2 gm
SiO 2 blanket layer on a silicon chip. The cracks emanating from the comers of the indenter
propagated in the substrate and into the tensile specimen, Figure 11 (b), providing a sharp crack
that was used to measure the material fracture toughness. After the crack propagated into the
gage section (Figure 11 (b)) the polysilicon specimen was removed from its substrate, Figure
1 l(c), and a fracture test was conducted. AFM topographic records, taken before the specimen
was released from its substrate, were used to accurately measure the precise crack length. After
removing the specimen from its substrate the cracks were virtually invisible even for an AFM
[23]. Cracks normal to the edge of the specimen, were used for Mode-I fracture toughness
measurements, which are easy to analyze, as linearly elastic fracture mechanics (LEFM)
solutions are readily available.

S(b))

Figure 11. (a) Specimen before indentation, (b) Indentation of SiO 2 adjacent to specimen gage
section, (c) Freestanding specimen with edge pre-crack after substrate removal, (d) Fracture after
crack propagation.
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The cracks that were straight and perpendicular to the specimen gage axis were used to
measure the material toughness. Figures 12 (a,b) show such a crack at two different scales, i.e. at
the crack length and also near the crack tip pointing out to the proper geometry of these cracks
for fracture studies.

Figure 12. (a) Indentation on SiO2 substrate and crack propagation in a 1 00-Iurn wide specimen, (b)
AFM image of pre-cracked ta-C specimen before release from its substrate.

Fracture toug~hness of polysilicon (YEARS 2 & 3)

The freestanding fracture specimens were tested in situ via the AFM/DIC method and
measurements of local deformation fields in the vicinity of cracks in MEMS-scale specimens
were obtained for the first time [18,23,24]. For each test the full-field displacements were
recorded with 1-2 nm spatial displacement resolution. The analytical displacement solution in the
vicinity of the edge crack was compared to the experimental displacement fields obtained via
AFM/DIC at different increments of stress intensity, Figure 13. The measured K1•,po1ySi was 15-
20% higher than the minimum KI• for single crystal silicon [27]. This was the effect of
polycrystallinity and anisotropy on the value of the macroscopic (apparent) fracture toughness as
reported before in the context of microscopic [28] and macroscopic [29] numerical studies. Table
II presents the K1c, po1ySi and Kta-c values for various specimen thicknesses and fabrication runs.

•: ....... : -=•::: ... ::.... Tnble I1t.-Fraeture•4o ughn ess if-MUMPsoys~iion, and ta-- 32, 301:. :: ..... - •=: ...... ....

Material Specimen Thickness K1. (MPa~Im) K1e (MPa'Im)
(Jtm) (Average)

Polysilicon MUMPs39 1.5 1.06±0.1
MUMPs39 2.0 1.05±0.2 1.00±0.1
MUMPs41 2.0 0.98±0.1

ta-C3  0.5 4.25±0.7
1.0 4.40±0.4 4.00±0.5
2.2 3.40±_0.4
3.0 3.06±_0.17

SUncorrected for residual stresses
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Experiment (AFMJ,1DIC Model (bEFNM).
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Figure 13. Axial displacements in the vicinity of a crack tip for increasing K1 (Pol1y-SO as obtained by (left)
AFM/DIC and (right) LEEM, respectively. The crack tip is located at the root of the contours. Images
are best viewed in color.
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The average fracture toughness of polysilicon between different fabrication runs and
different structural layers of the MUMPs process was virtually the same. However, Figure 14
shows that crystal anisotropy in brittle polysilicon allows for incremental crack growth requiring
a stochastic treatment of the macroscopic fracture toughness of polysilicon for MEMS.
Significant grain randomness and anisotropy would require the fracture toughness be described
in statistical terms. Using the AFM/DIC method, direct experimental evidence of incremental
crack growth in (brittle) polysilicon was obtained for the first time via spatially resolved crack
growth measurements [18,24]. In Figure 14 incremental crack growth between individual
polysilicon grains was recorded at KPolySi = 0.835 MPa/m and KI,PoySi = 0.896 MPa4m. Small
increments of the apparent stress intensity factor resulted in repeatable crack propagation and
crack arrest. Further validation for these observations was provided by the corresponding crack
tip displacement fields acquired at each crack increment. This incremental crack growth in brittle
polycrystalline silicon was attributed to its polycrystalline structure and the associated variability
in the local cleavage energy. Crack propagation was controlled by grains with varying
orientations that resulted in variable cleavage energies along the crack path and thus crack arrest.
A close-up in the fracture surface generated during sub-critical crack growth showed that the
surface is mostly mirror with limited hackle [ 18].

KtpýoO.si= 0.809 1Pa'/m Kix,3o.si= 0.835 MPa'/m K1, p.(s,= 0.896 MPa'hm

(a) (b) (c)

U displacement in nm

-237 .169 -102 34 34 102 169 237

F

(d) (e) (I)

Figure 14. AFM micrographs of sub-critical crack growth in a freestanding polysilicon film with the
corresponding local displacement fields. (a) The crack tip is below the field of view at the specimen
centerline, (b) crack tip location after the first step of incremental crack growth, and (c) crack tip location
after second crack growth. In (c) the crack is arrested at the grain boundary. After (c) the crack grew
catastrophically at K1,jp0os = 1.063 MPa'/m. The displacement contours (d-f) correspond to AFM images
(a)-(c) respectively but span wider fields of view (10x6 gmM2) [18]. Images are best viewed in color.
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Fracture toughness of ta-C MEMS (YEARS 2 & 3)

12 F1200 Fracture toughness tests were* Fracture Toughness

flYoung's Modulus conducted on 0.5 gm, 1 gm, 2.2 gm,
10 0 1000 and 3 pm thick ta-C freestanding

S8 30 specimens with sharp edge pre-cracks
S8• under mode-I loading. On average, the

- fracture toughness of ta-C was found
fm 6 -o0 6 to be 3.5 times higher than that of

r 4 polysilicon commonly used for
io MEMS. Specifically, it was 4.25 ±0.7

2 200 MPaJim for 0.5-pm specimens, 4.4
± 0.4 MPafmi for 1-pim specimens,

0o , ,0 3.4 +0.4 MPa-,/mm for 2.2-gm
0.0 0.5 1.0 1.5 2.0 2.5 3.0 3.5

Thickness (im) specimens, and 3.06 ± 0.17 MPa1lm

Figure 15. Elastic moduli and fracture toughness of ta-C for 3-gm specimens, i.e. 30% lower
films as a function of film thickness. The ta-C modulus was fracture toughness than for the 0.5-gm
independent of thickness contrary to the fracture toughness and 1-pLm thick specimens. Figure 15
[30]. presents an account of the elastic

moduli and the toughnesses of ta-C
films with different thickness [30]. The elastic modulus was independent of thickness, which
implies that the dependence of ta-C fracture toughness on film thickness was not due to a variable
modulus value. Instead, this dependence of fracture toughness on specimen thickness was
attributed to specimen bending due to the residual stress gradient. When fracture tests were
conducted, the axial loading compensated for the bending of the specimen and as a result mode I
loading was generated by pure tensile loading and a bending moment. Thick films underwent
extended annealing due to the fabrication method4, thus causing stress relaxation across the film
thickness that was more pronounced compared to thinner films.

Finally, the validity of using U-notched Micro Compact Tension (MCT) specimens to
calculate the fracture toughness of MEMS materials was investigated. ta-C specimens with deep
U-type notches were microfabricated. An example of such a specimen is shown in Figure 16(a).
The esfnate rfrtitc1ui notce specimens hdger tha at ar - .

measured from samples with mathematically sharp cracks [23]. The stress, oa•, required to cause
failure due to a "blunt" crack (U-shaped notch) is higher than that required to cause failure due to
a sharp crack for the same shape factor Y and slit/crack length a. From Ko = Ya- NG-r it is inferred
that the approximate fracture toughness calculated using a deep U-notch is higher than the K1,
measured using a sharp crack. With this in mind MCT ta-C specimens with deep U-notches as
seen in Figure 16 were tested and the data were analyzed as described in [23] to obtain K,=
3.2±0.5 MPa41m. Although this estimate took into account the finite notch radius, fracture
toughness tests of 1 pm thick ta-C specimens with atomically sharp cracks yielded K1,= 4.5±0.25
MPa'lm which indicates that the use of deep U-notches along with the analysis based on a finite
radius "crack" is not as accurate.

Fabrication required deposition and annealing of many thin layers to avoid accumulation of compressive stress and film cracking.
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(a) (b) (c)
Figure 16. (a) Micro Compact Tension (MCT) specimen. The prefabricated U notch has 0.95 gtm radius
of curvature and 150 gim length. (b) ta-C MCT specimen loaded by glass grips. (c) MCT specimen after
fracture; the crack propagated linearly from the notch root indicating good specimen alignment.

V. Fracture due to Mixed Mode I/1I Loading (YEAR 3)

Mixed mode I/11 cracks were generated using the same method as in the study of mode I
fracture. Figure 17 shows the fabrication and the details of an oblique edge pre-crack created
with a Vickers microhardness tester.

Figure 17. Schematic of indent created to produce an inclined edge pre-crack and detail of the inclined
edge crack tip in polysilicon images with an AFM.

The mixed mode I/I1 stress intensity factors, K, and KI,, are given by [31]

K, Y, o.JVracos'(3
K,,= Y,,ý Vf-•a sin (Bcos (,B)
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where Y, and YI, are the mode I and mode II shape factors, and 8l is the inclined crack angle
measured from the normal to the loading direction.

Due to specimen and loading geometry there were no close form solutions available to
calculate KI and KI, directly from boundary measurements. Instead, a finite element (FE) analysis
was conducted to deduce the fracture parameters from the experimental data. Figure 18 shows
the boundary conditions used in the FE analysis to extract KI and K,,. The specimen length in the
model was L = 5w and it was iteratively determined so that it would not bias the computed KI
and KII. The deformation fields were derived using FRANC2DL [32] and the calculation of
stress intensities was carried out by computing the J-Integral and the crack opening
displacement. In the later case the K, and KI, fracture toughness values were computed using the
FE displacements as [32]

K, = ý_ (Vpr2(1- ) (5).,ý
,rr'_2 (VIpp. - Voe)

K 1  P -2-• ( U pper - U lo...

-1f--2(1-v)
where, V and U are the crack opening displacements at a distance r from the crack tip in the
mode-I and mode-II directions of the quarter point elements. In the J-integral evaluation, the area
integral proposed by Li et al. [33] was used in conjunction with the mode separation technique
developed by Ishikawa [34] and Bui [35].

" The mixed-mode KI and Kl, parameters
IJJ J -JJ± for polysilicon were obtained from

- H - experiments conducted on specimens with
-44+++ crack angles in the range f8 = 6'-55'. The

possible crack angles using this approach were
•---- limited because the Vickers micro-hardness

a 'L indenter generates four cracks at 900 apart.
-- .. -- Appropriate positioning of the indenter tip

"with respect to the specimen edge allowed for

--- ,initiation angle, the crack propagated, as
- 0 0 ln J expected, normally to the direction of the far

field load. The normalized stress intensity
Figure 18. Specimen model and boundary factors, K, /K,, and Kl, / Km, where KI =
conditions employed in the FE analysis to extract K, olySi, are plotted in Figure 19(a). The
the mixed mode I/II stress intensity factors. The number next to each datum point is the pre-
specimen length in this model was L = 5w [36]. crack angle. Using the mixed mode I/II failure

criteria of maximum tensile (or hoop) stress (MTS) and maximum energy release rate (MERR)
[31], the locus of K, I/K, vs. KH /KI, is plotted in the same figure with the solid and dashed lines,
respectively. For both the MTS the MERR criterion, Kj,= Kl,poySi as measured in the mode I tests
described in the previous section.

The MTS and MERR trajectories are valid for homogeneous and isotropic materials and
are included in Figure 19(a) for comparison purposes with the experirnental data. The
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pronounced scatter of K1 at 8J < 200 again indicates the stochastic nature of the effective Kp~lyso.
On the contrary, the K11 values were more sensitive to the pre-crack angle and were ordered
accordingly. The trend of the experimental data agreed reasonably well with predictions by MTS
the MERR criteria for f8 < 450. The geometry of the fracture specimens prepared for this work
was subject to fabrication and mechanical testing constraints and it did not allow for comparisons
with predictions by the MTS and MERR criteria [37] for 8 > 45'. This deviation is clear for the
datum point at f = 55'. The decrease in K 1 I/KIc for f = 550 is in agreement with literature reports
of macroscopic tests where K1s/Ks, was smaller for inclination angles larger than 45' [37].
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Figure 19. (a) K,1/KIc vs. K 1 /K1c computed from inclined edge pre-cracks in polysilicon specimens. The
experimental data are compared to predictions by MERR (dashed line) and MTS (solid line) criteria. The
numbers next to data points are the pre-crack angles. The two open symbols correspond to the crack
images in Figures 20(a,b) [36]. (b) KI1/K1c vs. K11 /Kc computed from inclined edge pre-cracks in ta-C
specimens. The range of values is also shown [38].

An uncertainty analysis [36] showed that the deviation of the experimental data in Figurei197a) Tfror-the -two• iý retiea-al- crfitdi•ii was not due to experrimental funcertaihties that were qucite-

small. Instead, the major reason was the random location for the crack tips inside individual
grains or at triple junction points and grain boundaries. The two open symbols in Figure 19(a)
point to significantly different K1 /Ksc and K1 / IKsc values for specimens with the same gage
dimensions, crack lengths, and pre-crack angles. A close examination of the AFM images of the
crack tip regions before the samples were released from their substrate showed that the crack tip
in Figure 20(a) was located inside a large grain and fracture was initiated at considerably smaller
K1 compared to the crack in Figure 20(b) whose tip was located at a triple junction point and
resulted in large K1. Thus, in both mode I and mixed mode 1/I1 fracture, the grain boundaries and
the triple junction points provided enhanced resistance to crack initiation (stochastic toughening)
compared to the polysilicon grains. Then, the randomness in the generation of pre-cracks
resulted in significant scatter in K1, and Kscp0, 1ySi and in limited extent in KsI.

The locus of K1 /KI, and Ks, /Kc values for ta-C was very consistent with MERR (dashed
line) and MTS (solid line) criteria as shown in Figure 19 (b). Ta-C is an amorphous material and at the

30



scale of this study it follows LEFM. Thus, its fracture is fully predicted by existing theories and
experimental data may be extrapolated within the limits of LEFM. This provides an additional advantage
of the use of ta-C instead of polysilicon in critical MEMS applications that are subject to overloads.

If

(a) (b)

Figure 20. AFM images of two 12.50 pre-cracks whose K,1/K1c vs. K11 /K1c values in Figure 19(a) lie (a) to
the left, and (b) to the right of the lines for the MERR and the MTS criteria. In (a) the crack tip resides in
the large grain inside the circle, and in (b) the crack tip is located at a triple junction.

The analysis of mixed mode fracture was completed with the calculation of the
theoretical crack initiation angles and their comparison with the experimental data. For instance,
the crack initiation angle, 0", for the specimen with 83 = 41.20 in Figure 21 (a) can be calculated as
a function of the crack inclination angle, /3, by [31]

Kg =tan -sin(O*) (6)
K, 3cos(on)=-( I

For /3-- 41.20 equation (6) gives 0*= 51 whereas the measured crack initiation angle in

the SEM micrograph in Figure 21(a) was 480. While the difference in this example was small,
other measured crack initiation angles deviated from the theoretical by 50 or more. The crack
initiation angles are expected to be in general slightly different from the theoretically predicted
because of small irregularities in specimen geometry and the angle crack plane with respect to
the specimen cross-section, and in particular here because of cleavage anisotropy in polysilicon.
In the case of polysilicon the deviation of crack initiation angle from the theoretical is associated
with the grain anisotropy that did not allow for a smooth transition from the pre-crack angle to a
path of straight crack propagation, Figure 21(a). On the other hand, in ta-C the transition from
the pre-crack angle to a straight crack propagation path was very smooth, Figure 21(a), but the
measured angles still deviated from the expected. It should be noted that such deviations were
also observed in macroscopic mixed more 1/11 fracture studies [39].
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(a) (b)

Figure 21. (a) Inclined edge pre-crack and crack initiation angle shown after fracture of a polysilicon
specimen. The arrows show the direction of the applied far-field load. (b) SEM micrograph of pre-crack
and crack initiation angle in a ta-C specimen [36,38].

Conclusions on fracture studies of polysilicon MEMS

The mode-I fracture behavior of polycrystalline silicon was determined from MEMS-
scale specimens and the average values of Kc, PolySi were in agreement with. prior reports for
nominally the same material fabricated by a different facility as well as for bulk polysilicon. The
method followed in the present AFOSR project resulted in experimental uncertainties on the
order of 1.5% owed to the use of an easy-to-calibrate external load-measurement device and
accurate pre-crack length measurements. Compared to other methods for bulk and small-scale
fracture tests the present method provided high accuracy in determining Kmc,poaySi whose values
were determined in the range of 0.843-1.225 MPa'Im. The significant scatter in Kkc,polySi was
attributed to local anisotropy, enhanced grain boundary toughness, and, to a smaller degree, to
crack tip shielding due to polycrystallinity [18]. The location of the crack tip (individual grain, or
triple junction point) resulted in different local and macroscopic (apparent) stress intensity
-factors, which- has- at s6ý&&e-rr-ic-dbyIite~tiei&-1 §fi6 brr-bfrittle polyci•sfali•-e m-teria1s?7-.
Furthermore, this mechanism provided the basis to explain our direct observations of incremental
(sub-critical) crack growth for Kploysi <KIc,polySi.

These local controlling mechanisms of fracture initiation were also present in the mixed
mode 1/1I fracture [36,38]. The locus of K, vs. K,, was determined for pre-crack inclination angles
up to 550 and it demonstrated a scatter in K, values similar to that for Klc,poiyS, , which was shown
to be the result of the location of the inclined crack tip. When the latter lied at a triple junction
point the enhancement in K, was as high as 50% compared to an inclined crack with its tip
located inside a grain. For 8l •s 41 0 the values of KI, were very sensitive to the original crack
angle while most of the values of K, lied within the range of Kl, poysi obtained in mode I fracture
tests.
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